The effect of an organoclay on the electrical properties of a polymeric host is described. The matrix was composed of a blend of high-and low-density polyethylene, to which an ethylene/(vinyl acetate) copolymer was added, to increase compatibility between the organoclay and the matrix and, thereby, improve the organoclay dispersion. The ratio between the compatibiliser and organoclay was found to be important in forming a well-dispersed system, as evidenced by thermogravimetric analysis, X-ray diffraction and scanning electron microscopy, indicating the effectiveness of the chosen compatibilisation strategy. DC conductivity was found to be determined by the precise distribution of the organoclay throughout the system; changes in morphology and phase structure of the matrix polymer resulting from changes in imposed thermal history had little effect per se, but varying degrees of self-assembly of the organoclay facilitated by different residence times within the quiescent melt could result in changes in overall DC conductivity of several orders of magnitude. Consequent increases in DC conductivity led to reductions in DC breakdown strength, implying failure through some avalanche or thermal process. However, a monotonic increase in observed AC breakdown strength implies that the associated underlying failure process is then very different.
Introduction
Polyethylene (PE) is a versatile polymer that can be synthesised with many different molecular architectures. As such, different polyethylenes can exhibit widely varying properties, and consequently, this family of polymers has found numerous applications. Furthermore, the mechanical, thermal or electrical performance of PE can be additionally modified through the addition of particulate, fibrillar or lamellar fillers, which may be macroscopic, microscopic or nanometric in size. In the case of nanometric fillers, it is widely considered that the properties of the resulting nanocomposite system are, in many circumstances, markedly influenced by interfacial interactions between the polymer and the nanofiller and, as such, are conditional on the dispersion of the filler [1] [2] [3] . However, the surfaces of many commonly used inorganic fillers are polar in nature and, consequently, are relatively incompatible with PE, such that some compatibilisation strategy is required to promote the formation of a homogeneous system [3] [4] [5] .
Organoclays are anisotropic materials that combine the polar silicate elements of the clay with non-polar organic moieties that are intercalated in order to enhance interactions with surrounding media. In the case of polymers, the former may interact preferentially with polar monomers, such as vinyl acetate, while the latter may be chosen to promote compatibility with species such as ethylene. Therefore, a copolymer of ethylene and vinyl acetate (EVA), being compatible with both PE and organoclays, may be employed as a means of increasing the compatibility of PE with organoclays, such that improved dispersion of the filler results [5, 6] . It has been reported that optimal organoclay loading levels fall around 5 wt%, whereby material properties are enhanced most significantly [5] . Also, it has been shown that while the thermal history of the material affects morphology and hence electrical properties [7] , such effects can be mitigated by the presence of an organoclay [8] .
The interplay between organoclay loading and thermal treatment influences factors such as the organoclay dispersion, polymer nucleation and morphology, modified polymer chain dynamics, the availability of charge carriers and the extent of interfacial sites acting as charge traps [9] [10] [11] [12] . As such, material composition and thermal history can give rise to a variety of effects and, thereby, can influence electrical properties. For example, the inclusion of an organoclay has been reported to increase the DC conductivity as a consequence of it giving rise to additional charge carriers [10, 13] . In PE-based nanocomposites containing nano-alumina, increased DC conduction has been shown to lead to reduced DC dielectric breakdown strength values, [14] and presumably, comparable relationships would be anticipated in systems including organoclays. However, it has been reported that the presence of an organoclay can lead to an increase in AC dielectric breakdown strength, when the filler is well dispersed [5, 15] , and a reduction in AC dielectric breakdown strength when significant agglomeration has occurred [16] . Elsewhere, the electrical performance of samples quenched rapidly from the melt was found to be invariant to the presence of an organoclay, which is in contrast to the increased breakdown strength seen in equivalent systems following isothermal crystallisation of the matrix polymer in the absence of the organoclay [8] .
Herein, we report on the interactions between polymer morphology, organoclay loading level/dispersion and electrical properties of an organoclaybased nanocomposite. The matrix was specifically chosen to be a blend of high-density PE (HDPE) and low-density PE (LDPE), since such systems can be used to generate a wide range of different lamellar textures without changing the molecular composition of the system. To this base material, EVA was added to enhance compatibility between the polymer and the organoclay filler. Different morphologies were then produced by varying the imposed thermal history, such that the extent of liquid/liquid and liquid/solid phase could be modified in a systematic manner. Through varying the organoclay loading and sample morphologies, the capability of EVA to act as a compatibiliser was evaluated.
Experimental Materials and sample preparation
In this study, the following materials were used as supplied: LDPE (LD100BW, Exxon Mobil Chemicals); HDPE (Rigidex HD5813EA, BP Chemicals); EVA containing 9 wt% vinyl acetate (Elvax 750, DuPont); a montmorillonite (MMT) organoclay containing 35-45 wt% of organic components, (682624, SigmaAldrich). Throughout, a constant ratio of 80 parts LDPE to 20 parts HDPE by mass was used, to which the EVA was added in order to improve compatibility with the organoclay. The ratio of PE:EVA was always 80:20. The blend of LDPE and HDPE was employed herein, as elsewhere, due to its ability to form a continuous space-filling lamellar morphology where key properties are independent of variations in nucleation density [11, 17, 18] .
Using the above matrix blend, five samples were produced with organoclay loadings of 0, 1, 5, 9 and 13 wt%, using a processing methodology adapted from published work [19] . Specifically, the solution blending technique was employed to aid polymer intercalation and dispersion of the nanofiller, as supported by the literature [20] . First, the organoclay was sonicated in xylene for 30 min before being added, with the EVA, into a rotary evaporator and heated to 140°C. When the EVA had completely dissolved, the LDPE and HDPE were added, and after complete dissolution, the resulting mixture was stirred for a further 10 min to give a homogeneous solution containing the dispersed organoclay. After this time, the resulting mixture was put under vacuum to remove the xylene, before the product was removed and further dried under vacuum at 70°C for 6 d.
Samples 100 lm in thickness were then produced using a hydraulic press set at 140°C. Three different thermal profiles were used to vary the morphology/ phase structure of the final specimens. First, samples were quenched directly after melt pressing, to produce materials where liquid/liquid phase separation in the melt would be minimised and where rapid crystallisation would lead to a simple morphology (designated Q). For this, the samples were removed from the press and cooled to room temperature rapidly in the air. Second, the press was allowed to cool slowly to 70°C, with the pressure applied to the sample; this process occurred over a period of 3 h, such that, in principle, the final morphology would result from a combination of liquid/liquid phase separation in the melt and subsequent liquid/solid phase separation during slow crystallisation of the polymer (designated SC). Finally, samples were held isothermally at 140°C in the melt for 3 h before being quenched (as above for Q), in order to combine liquid/liquid phase separation in the melt with rapid subsequent crystallisation (designated ISO). These samples will hereafter be referred to using the following nomenclature: PE/EVA/X/Y where X is the organoclay loading (either 0, 1, 5, 9 or 13 wt%) and Y is the thermal profile (either Q, SC or ISO).
Material characterisation
Thermogravimetric analysis (TGA) was conducted in both air and nitrogen atmospheres from 30 to 900°C at a scan rate of 10°C/min using a PerkinElmer Pyris 1 instrument, repeated three times and averaged for each system. Low-angle X-ray diffraction (XRD) measurements were performed using a Rigaku Smartlab system with a 0.2-mm slit and a Cu Ka source, for which k = 1.54 Å . Data were acquired for diffraction angles from 2h = 0.5 to 2h = 10°2h using increments of 0.02°.
Prior to scanning electron microscopy (SEM), samples were first fractured to expose internal surfaces and then chemically etched. The etching procedure was repeated twice under constant agitation, before the samples were decanted into a quenching solution and then washed once in deionised water and then ethanol. The etchant was composed of 1 wt% potassium permanganate in a solution of sulphuric acid, phosphoric acid and water in a 5:2:1 ratio, and the quenching solution was sulphuric acid, deionised water and hydrogen peroxide in a 2:7:2 ratio [21] . The samples were then sputter-coated with gold before being examined in the SEM (EVO LS25 by Zeiss).
Electrical properties
DC dielectric breakdown strength was measured using a ramped voltage profile with a rate of increase of 350 V/s. The AC (50 Hz) dielectric breakdown strength was measured according to ASTM D149-97a, at a ramp rate of 500 V/s. For both cases, the samples were immersed in silicone oil while being held between two vertically opposed spherical electrodes (6.3 mm diameter). The results were analysed assuming two-parameter Weibull statistics, with 90% confidence limits, using the Origin software package.
Measurements of DC conductivity were performed using a Keithley Instruments test fixture, 8009, and a picoammeter, 6517B. Data were acquired at different temperatures (28, 40, 55 and 70°C) at a constant applied voltage of 300 V, which equates to an applied field of 3 kV mm. Following a preliminary study of the time dependence of conductivity, data were acquired over 1000 s, in line with the recommendations in ASTM D257. Quoted conductivity values were derived from the average of the last ten current measurements.
Results and discussion Figure 1 shows a range of TGA data. Figure 1a shows typical TGA traces, with their respective derivative plots, obtained from PE/EVA/0/Q and PE/EVA/5/ Q in both air and nitrogen. The mass loss occurs when the organic components of each system decompose and are removed in gaseous form. For PE/EVA/5/Q, this occurs over the same temperature range for both air and nitrogen, in contrast to the behaviour of the unfilled PE/EVA/0/Q-this difference in behaviour is a result of the organoclay leading to a barrier effect, so increasing the temperature for thermo-oxidative degradation [22] [23] [24] . The decomposition curve of PE/EVA/5/Q also contains a shoulder that is absent in the case of PE/EVA/0/Q, which can be attributed to the initial decomposition of the quaternary ammonium salts in the organoclay [23] . The mass remaining at 800°C in PE/EVA/5/Q represents the inorganic remnants of the clay and was used to evaluate the true organoclay loading achieved during sample preparation, the organic component of the organoclay being specified by the supplier and verified experimentally. Figure 1b shows the effect of organoclay content on the temperature corresponding to 50% material loss. Compared to the unfilled polymer blend, it is evident that in all cases the presence of the organoclay displaces decomposition to higher temperatures, which is in line with relevant published data concerning organoclay-containing nanocomposites [24] [25] [26] [27] . This figure also demonstrates that in all the systems other than PE/EVA/13/Q (i.e. the system containing the highest organoclay loading investigated herein), decomposition temperatures obtained in air and nitrogen are indistinguishable, within the given experimental uncertainties. Previously, such behaviour has been interpreted as providing evidence of the organoclay being well dispersed, and as such, we propose that in only the PE/EVA/13/Q system was agglomeration significant [28] . This implies the successful use of EVA as a compatibiliser until the organoclay reached 13 wt% whereupon, presumably, the ratio of EVA to organoclay was too low to facilitate good dispersion within the PE. Finally, Fig. 1b shows that for the unfilled PE/EVA/0/Q, decomposition in nitrogen leads to a higher thermal degradation temperature than in air, whereas for PE/ EVA/13/Q, decomposition in air occurs at a higher temperature than in nitrogen. We attribute this difference to different degradation mechanisms occurring when an organoclay is present, namely due to the Hofmann elimination [27] . Figure 2 compares XRD data obtained from the organoclay itself and the PE/EVA/X/Q sample set; the vertical line in this figure has been positioned to provide a marker to aid comparison of the data obtained from the different systems. First, the organoclay can be seen to be characterised by a broad peak with a maximum at 2h = 3.1°; crystallographically, this corresponds to the interlayer periodicity within the organoclay and is, conventionally, represented as d 001 [29, 30] . Here, this peak corresponds to a basal spacing of 2.8 nm, a result that is in line with expectations [20, 31] . Second, as anticipated, the unfilled PE/EVA/0/Q exhibits no diffraction peaks in the angular range shown, since it contains no organoclay. As such, any diffraction features seen in the following nanocomposites must be related to the state of the included organoclay which, from the data presented above, is characterised by two diffraction peaks, one which falls between 2h = 2.5°and The former peak occurs at the lowest diffraction angle for PE/EVA/1/Q, which indicates an increase in the interlayer spacing from 2.8 nm seen in the pristine clay to 3.4 nm. Increasing the organoclay loading leads to a general reduction in the measured value of 2h for this diffraction peak, indicating a general reduction in the interlayer spacing. For example, the peak maximum at 2h = 2.8°in the data obtained from PE/EVA/9/Q corresponds to an interlayer distance of 3.1 nm. For organoclays, the interlayer distance is determined by both the organic components of the clay and the degree of intercalation of polymer chains between the clay layers [20, 23, 32] , and therefore, the above data suggest that the degree of intercalation in the systems is higher for the samples with lower organoclay loadings. Behradfar et al. [6] , Mahmoudi et al. [5] and Zanetti et al. [33] all showed that intercalation in systems based upon PE and an organoclay is mediated by the presence of EVA. Elsewhere, Liang et al. [34] showed that intercalation could be enhanced by grafting polar moieties into the PE structure-maleic anhydride in this case, the key finding being that the presence and concentration of the compatibilising agent are influential in the intercalation process. Wu et al. [35] found similar results upon varying the organoclay concentration, albeit they used entirely different polymers and offered no substantial explanation for their results. We suggest that our results can be readily interpreted in the context of the aforementioned published work. That is, at higher organoclay loadings, the ratio of polar compatibilising moieties to organoclay is reduced (the equivalent of decreasing the compatibilising agent concentration), such that the capacity for enhanced intercalation is also reduced.
The data obtained from the organoclay show an additional small and broad peak around 2h = 6.8°, within an angular range that is twice that of the principal d 001 peak. This is consistent with data from four MMT-based organoclays published by Araú jo et al. [23] , and therefore, we similarly interpret it as second-order scattering from the layered structure. Although such second-order scattering features have not universally been reported for MMT-based nanocomposites [5, 6] , this interpretation is consistent with published work relating to the same organoclay as used here in an HDPE-organoclay nanocomposite compatibilised by grafted maleic anhydride [20] .
The variations in scattering behaviour described above are reflective of varying degrees of ordering within the systems. We take the presence of the d 002 peak in all the data sets shown in Fig. 2 as being indicative of the presence of extensive organoclay tactoids, while the variations seen in both the d 001 and d 002 diffraction peaks imply variations in basal spacing and degrees of intercalation. Also, it is conceivable that some extraction of the bulky quaternary ammonium salts from the organoclay galleries may occur during solution processing; although this phenomenon has previously been reported to result from mechanical forces experienced during mixing in the melt phase [5, 6] , we are not aware of reports of any comparable effects resulting from processing in solution.
The influence of material composition on sample morphology is shown in Fig. 3 , which contains a representative selection of the SEM micrographs obtained across the 15 different systems considered herein. First, consider Fig. 3a-c , which illustrates the effect of increasing the organoclay content in samples slowly crystallised (PE/EVA/X/SC) and which, consequently, possess the most highly developed morphology. From Fig. 3a , it is evident that in the absence of any organoclay, crystallisation during slow cooling from the melt results in a well- developed spherulitic texture. Elsewhere [18, 36] , equivalent structures have been shown to evolve in blends of HDPE and LDPE through the initial formation at relatively high temperatures of a framework of dominant lamellae composed, predominantly of the HDPE fraction of the system, followed by crystallisation of the LDPE (at a lower temperature) within the existing dominant lamellar framework. In the case of the PE/EVA blend shown here, there is no evidence of discrete EVA phases within the morphology, signifying miscibility between the EVA and the PE, such that crystallisation of EVA occurs along with the LDPE within the HDPE-rich dominant lamellar framework. Adding the organoclay affects the observed morphology in two ways, as evidenced in Fig. 3b , c which show PE/ EVA/5/SC to PE/EVA/13/SC, respectively. First, the spherulitic morphology becomes suppressed, which can be explained through both enhanced nucleation and inhibited crystal growth [8] . Second, the clay, which is barely visible in PE/EVA/5/SC, becomes much more apparent in PE/EVA/13/SC. This is consistent with the TGA and XRD results presented above. , e shows samples crystallised by quenching-this strategy was employed deliberately to limit the time available for molecular fractionation and segregation processes to occur during crystallisation, such that a relatively simple morphology would develop. Comparison of the structure of PE/ EVA/1/Q and PE/EVA/9/Q (Fig. 3d, e , respectively) reinforces the point made above concerning the tendency for increased organoclay agglomeration with increased loading level. Also, despite the system shown in Fig. 3d only containing 1 wt% of organoclay, no well-developed spherulitic texture is evident, an observation that is, presumably, a combination of both enhanced nucleation and rapid crystallisation, factors that inhibit the time and space available for spherulite growth, respectively. Finally, Fig. 3f shows the morphology of PE/EVA/1/ISO which, despite being held in the melt for 3 h prior to quenching, exhibits a morphology that is equivalent to that of PE/EVA/1/Q, which was quenched immediately after being formed. This supports the assertion made concerning miscibility of the EVA used here, since any significant degree of liquid/ liquid phase separation would led to the formation of discrete EVA phase regions, which is not the case. Figure 4 compares measures of DC conductivity, as defined above, obtained at four different temperatures for the PE/EVA/X/Q sample set. Values below the sensitivity limit of the equipment were deemed unreliable and were omitted, leaving the samples containing no organoclay and 1 wt% organoclay with results at only 70°C. From these data, it is evident that conductivity increases with temperature, as would be anticipated [13, 37] and, with filler loading level from zero to 9 wt.% of organoclay. The effect of further addition of organoclay is unclear, since at 55°C and 70°C the systems containing 9 wt% and 13 wt% are statistically equivalent while at lower temperatures, the latter shows a decrease in conductivity compared to the former. The increased conductivity with organoclay loading may be related to a number of processes, such as the formation of neighbouring, shallow charge trapping states that can promote charge carrier mobility [38] , and the introduction of additional ionic species that act as charge carriers [39] . Nevertheless, whatever the precise origin of the marked increase in conductivity with clay loading, the results presented in Fig. 4 clearly show that the presence of the clay dominates the charge transport process. Figure 5 shows DC conductivity data taken at 70°C in order to compare the effect of each thermal treatment. In the absence of any organoclay, the measured conductivity values all fall around 10 -16 S/cm and no clear influence of sample thermal history is evident. Similarly, the samples containing either 9 wt% or 13 wt% of the organoclay all exhibit conductivities in the range 10 -12 -10 -11 S/cm, and while their respective PE/EVA/X/ISO and PE/ EVA/X/SC samples behave equivalently, the conductivity of the PE/EVA/X/Q samples at these organoclay loading levels is somewhat reduced. This is contrary to the unfilled samples, where sample thermal history does not appear to affect DC Figure 4 DC conductivity data obtained from the PE/EVA/X/Q sample set at an applied field of 3 kV/mm at the indicated temperatures. The sensitivity limit of the measurement equipment corresponds to a conductivity of 1 9 10 -17 S/cm and results that fell below this value have been omitted. conduction processes. Differentiation between the thermal treatments is even more marked at the 1 wt% and 5 wt% organoclay loading levels with, for example, the conductivity of PE/EVA/1/Q falling two orders of magnitude below that of both PE/ EVA/1/ISO and PE/EVA/1/SC. Figures 4 and 5 taken together suggest that charge transport through an assembly of organoclay tactoids dispersed within an insulating polymer is dominated by the organoclay and, as such, we suggest that it depends upon (a) the chemical and physical characteristics of the organoclay, (b) the loading level and (c) the dispersion of the organoclay throughout the matrix. The influence of this final factor on the physical properties of composite materials has been studied in connection with numerous phenomena and material systems. For example, the formation of percolating networks within graphene-based materials has been considered extensively as a means of producing composites with increased electrical conductivity. In this context, Stankovich et al. [40] showed that reduction of graphene oxide with hydrazine could increase its electrical conductivity to the point where it is comparable to graphite, whereupon the formation of conductive networks allow charge transfer. Elsewhere, the effect of particle distribution on the thermal conductivity of polymers has attracted great interest in attempts to generate electrically insulating materials capable of effectively dissipating unwanted heat. In the case of hexagonal boron nitride (hBN), which exhibits a platelet structure, Zhou et al. [41] described a sample preparation technique that was specifically chosen to restrict dispersion throughout their HDPE matrix, thereby significantly enhancing thermal conductivity compared with equivalent systems generated by conventional melt mixing. In view of effects such as those described above, we suggest that the variations in electrical conductivity shown in Fig. 5 can be explained in terms of variations in the organoclay dispersion within the matrix polymer. That is, the long residence time in the melt that characterises both the PE/EVA/X/ISO and PE/EVA/X/SC sample sets serves to facilitate a degree of self-assembly of the organoclay within the final system. In the absence of organoclay, the resulting variations in matrix morphology have no significant effect on charge transport. At high organoclay loadings, the initially formed organoclay distributions result in vastly increased electrical conductivities such that further modification in the structure is relatively unimportant. Only at intermediate levels-1 wt% and 5 wt%-does the arrangement of the clay tactoids evolve to a sufficient degree materially to affect the overall electrical conductivity of the system. Figure 6 contains representative Weibull plots of DC dielectric breakdown data, obtained from the PE/ EVA/0/Y sample set, from which it is evident that although the scale parameter of PE/EVA/0/ISO falls below that of the other two systems, the indicated confidence bounds of each data set largely overlap. As such, any dependence of DC dielectric breakdown behaviour on thermal history for the polymer blend considered here is small. On grounds of brevity, the DC dielectric breakdown results obtained from other material systems are summarised in terms of derived Weibull parameters and are listed in Table 1 . From this, it is evident that the DC dielectric breakdown strength is adversely affected by the presence of the organoclay, and in systems containing both 5 wt% and 13 wt% of organoclay, it is the sample that was quenched that exhibits the highest DC dielectric breakdown strength. The ISO thermal treatment, in all cases, leads to the lowest breakdown strength. As such, these breakdown data are broadly consistent with the DC conductivity data described above in that increases in conductivity are generally paralleled by reductions in DC dielectric breakdown strength, Figure 6 Representative Weibull plots of DC dielectric breakdown data obtained from the PE/EVA/0/Y sample set.
suggesting that DC dielectric breakdown in these systems occurs through avalanche or thermal processes [37] . Indeed, Montanari et al. [42] reported comparable findings for PP-EVA-organoclay composites, where increases in conductivity and reductions in breakdown strength were observed and attributed to the thermal instability of the matrix to the heat generated by the current flow.
AC dielectric breakdown response of the PE/ EVA/X/Q sample set is presented in the form of Weibull plots in Fig. 7 . In marked contrast to the DC dielectric breakdown behaviour reported above, under AC conditions, the inclusion of the organoclay results in a monotonic increase in breakdown strength with organoclay loading level. It has previously been shown in a PE-EVA-organoclay composite that the AC dielectric breakdown strength increased up to a content of 5 wt%, but thereafter, further increases in organoclay loading reduced the breakdown strength, an affect ascribed to organoclay agglomeration [5] . Since our results reveal no comparable reduction in performance, it would seem that, in the material system considered here, such composition-related agglomeration effects are not sufficient to adversely impact the AC breakdown process, which is clearly very different in nature from that which operates under DC fields. Also, the above illustrates the effectiveness of our chosen EVA as a compatibiliser in that filler loadings attainable prior to agglomeration effects becoming dominant appears to be significantly higher than in the aforementioned paper. Furthermore, all of the systems considered here are characterised by increased AC dielectric breakdown strength compared with the unfilled matrix, an occurrence that is generally linked to well-dispersed systems [5, 15, 43] . Therefore, these AC dielectric breakdown strength results further support our assertion that our material system achieved a good dispersion of the organoclay and the capability of the EVA to compatibilise the system.
Conclusions
The effect of thermal history and organoclay loading on the electrical properties of a polyethylene blend has been described, in which EVA has been used to enhance compatibility between the organoclay and the matrix and, thereby, improve the dispersion of the inorganic filler. TGA implies good dispersion of the nanofiller up to 9 wt%, as evidenced by increased decomposition temperatures and equivalent behaviour being observed in both air and nitrogen atmospheres. However, while increases in the XRD d 001 spacing suggest a degree of polymer intercalation at lower nanoclay loading levels, as the effective ratio of organoclay to compatibiliser increases, this effect is reduced. Also, the presence of a weak d 002 diffraction peak in all nanocomposites suggests the existence of this component as small tactoids. Real space imaging by SEM supports this, in that organoclay structures were only clearly visible at higher loading levels, while the marked morphological changes seen throughout the polymer matrix are indicative of interactions between the organoclay and the crystallising polymer that occur throughout the system. No evidence of phase separation of the EVA was seen.
Marked changes in electrical properties were seen on inclusion of the organoclay, which serves to enhance charge transport under DC applied fields. Specifically, the measured DC conductivity varied with the time the system spent in the quiescent melt, an effect we interpret in terms of variations in the spatial distribution of organoclay tactoids throughout the system. Specifically, while holding the system in the melt phase for several hours did not promote phase separation of the EVA, it did increase the DC conductivity by more than two orders of magnitude in systems containing 1 wt% of organoclay. The reduced DC breakdown strength seen in systems that exhibited increased DC conductivities is self-consistent and implies that DC breakdown occurs through an avalanche or thermal process. The monotonic increase in observed AC breakdown strength, therefore, implies that the underlying failure process is then very different.
